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Radiation-induced embrittlement of bainitic steels is the lifetime limiting factor of reactor pressure ves-
sels in existing nuclear light water reactors. The primary mechanism of embrittlement is the obstruction
of dislocation motion produced by nanometric defect structures that develop in the bulk of the material
due to irradiation. In view of improving the predictive capability of existing models it is necessary to
understand better the mechanisms leading to the formation of these defects, amongst which the so-
called ‘‘late blooming phases’’. In this work we study the stability of the latter by means of density
functional theory (DFT) calculations and Monte Carlo simulations based on a here developed quaternary
FeCuNiMn interatomic potential. The potential is based on extensive DFT and experimental data. The
reference DFT data on solute–solute interaction reveal that, while Mn–Ni pairs and triplets are unstable,
larger clusters are kept together by attractive binding energy. The NiMnCu synergy is found to increase
the temperature range of stability of solute atom precipitates in Fe significantly as compared to binary
FeNi and FeMn alloys. This allows for thermodynamically stable phases close to reactor temperature,
the range of stability being, however, very sensitive to composition.

� 2013 Elsevier B.V. All rights reserved.
1. Introduction

Radiation-induced embrittlement of bainitic steels is the life-
time limiting factor of the irreplaceable reactor pressure vessels
(RPV) in existing nuclear light water reactors (LWR). The primary
mechanism of embrittlement is the obstruction of dislocation mo-
tion produced by nanometric defect structures that develop in the
bulk of the material due to irradiation. Two classes of nano-struc-
tural features are considered as the main contributors to the
embrittlement of RPV steels, both hardly visible in the electron
microscope: (a) clusters of solute atoms such as Cu, Ni, and Mn,
generally catalogued as precipitates; and (b) the so-called ‘matrix
damage’, generally interpreted in terms of clusters of point-defects
[1–3].

In the first class of features, one can further distinguish between
Cu-rich precipitates (CRPs) [2] and Mn–Ni-rich precipitates (MNPs)
[4]. The formation of the latter, which might also not contain Cu, is
favoured by low(er) temperature and high Ni (and Mn and Si) con-
tent [3]. MNPs without Cu are detected only at sufficiently high
neutron fluence, not only in (low-Cu) RPV steels [5,6], but also in
FeMnNi model alloys [6,7]. Moreover, based on simplified thermo-
dynamic-kinetic models briefly recalled below, there is a belief that
precipitates rich in Mn and Ni, once nucleated, will rapidly grow to
large volume fractions [3]. For these reasons, they are more com-
monly denoted as late blooming phases (LBP), or confused with
them. Their appearance has been associated with the possibility
of a sudden and unexpected increase of embrittlement above a cer-
tain dose, that cannot be predicted by current commonly used
empirical correlations [2,3], thereby posing a question mark on
the possibility of extending the lifetime of existing LWR.

In view of improving the predictive capability of existing mod-
els it is necessary to understand better the mechanisms leading to
the formation of these so-called LBPs, to investigate their stability
and to assess their strength as obstacles to dislocation motion. The
possibility of forming Cu free MNPs was put forward for the first
time in [8], based on regular solution theory calculations and equi-
librium lattice Monte Carlo simulations, parameterized purely on
the basis of thermodynamic considerations [2–4,9]. These early
simulations led to the conclusion that it is thermodynamically
favourable for Mn, Ni and Si to precipitate and form clusters at
the interface around a core of Cu. Moreover, the results of the sim-
ulations suggested that lower temperature and lower Cu content,
or higher Mn, Ni and Si content, would favour Mn, Ni and Si

http://crossmark.crossref.org/dialog/?doi=10.1016/j.jnucmat.2013.08.018&domain=pdf
http://dx.doi.org/10.1016/j.jnucmat.2013.08.018
mailto:gbonny@sckcen.be
http://dx.doi.org/10.1016/j.jnucmat.2013.08.018
http://www.sciencedirect.com/science/journal/00223115
http://www.elsevier.com/locate/jnucmat


G. Bonny et al. / Journal of Nuclear Materials 442 (2013) 282–291 283
enrichment of these clusters. The model did not include, however,
any description of the mechanisms of precipitation by diffusion,
nor any detail about solute/point-defect interaction. It was indeed
explicitly assumed that MNPs, as well as CRPs, are stable thermo-
dynamic phases, the formation of which is enhanced under irradi-
ation, and would be more frequently found in low-Cu steels,
especially if temperature is low (265 �C versus the usual 288 �C)
and dose is fairly high [2,4,8,9].

In a recent study [10], a more advanced simulation methodol-
ogy was used to investigate the physical mechanism of formation
of LBPs. Namely, an atomistic kinetic Monte Carlo model parame-
terized on electronic structure calculations data was used to study
the formation and evolution under irradiation of solute clusters in
FeMnNi ternary and FeCuMnNi quaternary alloys. Two populations
of clusters were observed to form, which can be discriminated by
whether or not the solute atoms are associated with self-intersti-
tials and their clusters. MnNi-rich clusters, that invariably con-
tained a large majority of self-interstitials, were observed to form
at a very early stage of the irradiation in both modelled alloys;
the quaternary alloys contained also self-interstitial-free, Cu-con-
taining clusters. MnNi-rich clusters nucleated very early via a
self-interstitial-driven mechanism, earlier than Cu-rich clusters;
the latter, however, grew in number much faster than the former,
helped by the strong thermodynamic driving force to Cu precipita-
tion in Fe, thereby becoming dominant in the low dose regime. The
kinetics of the number density increase of the two populations was
thus significantly different. The somewhat provocative conclusion
of that work was that the so-called late blooming phases might well
be neither late, nor phases. Indeed, a specific feature of the model
used in [10] was that the precipitation of Ni and Mn due to thermo-
dynamic driving forces was implicitly excluded, as a consequence
of the fact that the density functional theory (DFT) calculations
used to parameterize the model predicted repulsion between Ni
and Mn pairs in Fe. Even so, Ni and Mn clusters did form, at very
low doses, catalysed by the presence of self-interstitials, thereby
showing that the thermodynamic stability of these clusters as
phases is not a necessary condition for their appearance under irra-
diation. The intimate relationship between solutes and self-inter-
stitials also casts some doubts on the physical justification of
distinguishing between ‘‘precipitates’’ and ‘‘matrix damage’’ as
two separate classes of embrittling features.

Nonetheless, the work in [10] left open the question of whether
or not NiMn(Si) clusters may or not be regarded as thermodynamic
phases and, if so, under which conditions and with which range of
stability. As a matter of fact, considering the FeMn and FeNi binary
alloys separately, the respective phase diagrams indicate that the
solubility limits of Mn and Ni in a-Fe at 300 �C are approximately
3 and 4 wt% respectively [11–14], i.e., significantly higher than the
typical Ni and Mn content in RPV steels. Nonetheless, the solubility
limit provided for the ternary FeMnNi alloy (TCFE5 database) by
the Thermocalc software [15] (0.64 at.% and 0.2 at.% at 300 �C for
Mn and Ni, respectively [7]) is significantly lower, denoting a
strong synergy between Ni and Mn in Fe. Thermocalc uses an exper-
imental database of thermodynamic functions, extrapolated when-
ever the available data are insufficient, to calculate the phase
diagram of most alloys, based on free energy functions of temper-
ature and concentration and common tangent construction (Com-
puter Coupling of Phase Diagrams and Thermochemistry: Calphad
database and formalism). Quite clearly, extrapolation to tempera-
tures for which it is difficult to obtain experimental calorimetric
data is always uncertain. In particular, the data for the MnNi inter-
action used in Calphad originate from an extrapolation of experi-
ments realized by Dinsdale at temperatures �400 �C [16]. The
difference between the results of the DFT-informed model in [10]
and the Thermocalc results arises from the nature of the MnNi
interaction, which is attractive in the Calphad database, while it
is repulsive according to so far available DFT calculations [17].
Thus, there seems to be a discrepancy between DFT and Calphad
and a good part of the present work is devoted to investigating
whether this discrepancy is real or not and whether it can be re-
moved and, if so, how.

This is done by performing new DFT calculations to be used, to-
gether with experimental phase diagram indications, to develop a
thermodynamically consistent interatomic potential for the FeCuN-
iMn system. We show that, even though DFT calculations predict
instability of Ni–Mn pairs and triplets, Ni–Mn clusters become stable
above a certain size. By informing the interatomic potential to this
new insight, as well as to other experimental reference data, it be-
comes possible to use it as a reliable tool to study phase stability
in the FeCuNiMn system. The use of appropriate Metropolis Monte
Carlo techniques to build the phase diagram of the quaternary alloy
from the potential allows us in this work, therefore, to give a reason-
able ab initio, rather than experimental, estimate of the range of tem-
perature and concentration in which MnNi(Cu) precipitates in Fe can
be considered as thermodynamically stable phases, as well as the ex-
pected equilibrium concentration of Ni and Mn in those phases.

The advantage of fitting an interatomic potential over building a
purely thermodynamic model is that the former can also be fitted, up
to a certain extent, to reproduce the interaction of solute atoms with
point-defects and their clusters. This is done and partly tested in the
present work, opening the way to the study of complexes composed
of both point-defects and solute atoms. The ultimate objective is that
the interaction of these nanofeatures with dislocations can be inves-
tigated quantitatively. As a matter of fact, irrespective of whether
solute clusters in RPV steels are or are not thermodynamically stable
phases, their association (or not) with point-defect clusters, espe-
cially self-interstitial clusters, will influence not only their kinetics
of formation and stability, but also, and more importantly, the
strength that they oppose as obstacles to dislocation motion.
2. Methods and formalisms

2.1. Density functional theory calculations

The DFT calculations were performed using the Vienna ab initio
simulation package (VASP) [18,19]. VASP is a plane-wave DFT code
that implements the Projector Augmented Wave (PAW) method
[20,21]. Standard PAW potentials supplied with VASP were used,
with exchange and correlation functional described by the Per-
dew–Wang parameterization [22] in the Generalised Gradient
Approximation (GGA), with a Vosko–Wilk–Nusair interpolation
[23]. For Fe, Cu, Ni and Mn pseudo potentials with 8, 11, 10 and
7 valence electrons were used, respectively.

Finite temperature smearing was obtained following the Meth-
fessel–Paxton method with a smearing width of 0.3 eV. The plane-
wave cut-off energy was set to 300 eV, which proved sufficient for
convergence of the binding and migration energy of the selected
configurations. Brillouin zone sampling was performed using the
Monkhorst–Pack scheme, where meshes of 3 � 3 � 3 k-points
proved sufficient for convergence. The total energy was calculated
in periodic bcc supercells containing 128 atoms in a fixed volume
set to the equilibrium volume of Fe.

For the defect-solute and solute–solute interactions the total
binding energy of a configuration containing n objects (i = 1...n) Xi

is defined as,

EbðX1 . . . XnÞ ¼
X

i

EðXiÞ � E
X

i

Xi
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where Eref is the energy of the supercell without any objects (pure
bcc Fe), E(Xi) is the energy of the supercell containing the single
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object Xi, and E(
P

iXi) is the energy of the supercell containing all
interacting objects. Within this definition positive values of Eb de-
note attraction.

We note that for spin-polarized calculations concerning anti-
ferromagnetic solutes we took special care in selecting the initial
value of the magnetic moments, so as to ensure that the true min-
imum energy configuration was obtained. In the paper we report
the results corresponding to the lowest energy configurations only.

2.2. Interatomic potential

The atomic interactions are described here using the embedded
atom method (EAM) [24], which is widely used to describe metals
and their alloys. In addition to pair interactions, V, this approach
includes an embedding energy, F, that depends on the local elec-
tron density, q. The latter term approximates the many-body con-
tribution of all nearby atoms. The total energy within the EAM is
given as,

E ¼ 1
2

XN

i; j ¼ 1
j–i

Vtitj
ðrijÞ þ

XN

i¼1

Fti
ðqiÞ; ð2Þ

Here N represents the total number of atoms in the system, rij is the
distance between atoms i and j, and ti denotes chemical species (Fe,
Ni, Cu or Mn in our case). The local electron density around atom i,
contributed from its neighbours, is given as,

qi ¼
XN

j ¼ 1
j–i

utj
ðrijÞ; ð3Þ

where u denotes the electron density function of the considered
element. Thus, for the FeNiCuMn quaternary system 18 functions
need to be defined: uFe, uNi, uCu, uMn, FFe, FNi, FCu, FMn, VFeFe, VNiNi,
VCuCu, VMnMn, VFeNi, VFeCu, VFeMn, VNiCu, VNiMn, and VCuMn.

In this work we use as starting point the state-of-the-art ternary
FeNiCu potential [25]. In this potential, the Fe part is taken from
Mendelev et al. [26] (‘potential 2’), the Cu part from Mishin et al.
[27] (‘EAM 1’) and the Ni part from Voter and Chen [28]. The Fe po-
tential has been widely used, tested and has demonstrated so far to
be the one that succeeds at best in reproducing the properties of
iron that are of interest for radiation damage studies [29], includ-
ing dislocation properties [30]. The Cu and Ni potentials, though
not specifically developed to model radiation damage, represent
state-of-the-art potentials that are suitable for our purposes. The
Fe–Cu, Fe–Ni and Ni–Cu interactions in this potential were fitted
using the experimental phase diagram as direct reference, while
following DFT indications to fit the point-defect/solute-atom inter-
action and vacancy migration barriers, as described in [25,31,32].

In the literature we found two modified embedded atom meth-
od (MEAM) potentials to describe Mn, developed by Torelli et al.
[33] and Kim et al. [34]. However, for reasons of compatibility with
the ternary EAM type FeNiCu potential a Mn potential of EAM type
is desirable. Thus, six functions remain to be fitted in the present
work: uMn, FMn, VMnMn, VFeMn, VNiMn, and VCuMn. Similarly to the
FeNiCu potential, we target for the fitting the experimental phase
diagram, as well as both experimental and DFT indications con-
cerning point-defect/solute-atom interaction and vacancy migra-
tion barriers. The methodology used to do so is detailed in [35]
and the parameterization of the fitted functions is given in Appen-
dix A. In Sections 3 and 4 the data selected for the fitting are
discussed.

As DFT indication we used three different data sets: our own
calculations (detailed in Section 2.1), another PAW-based data
set and a data set obtained using ultra soft pseudo potentials
(USPP). The references to the latter two data sets are given in the
caption text of the tables with initial ab initio fitting data. As a gen-
eral rule, priority was given to the USPP data set for reasons of con-
sistency, as the FeNiCu potential was also fitted to that data set. In
the absence of USPP data or in the necessity of a trade-off, other
data were used.
2.3. Monte Carlo calculations

In this work the phase boundaries were estimated by means of
Metropolis Monte Carlo (MC) sampling [36] within the isobaric
semi-grand canonical ensemble (N, P, T, Dl) for binaries and iso-
baric grand canonical ensemble (N, P, T) for ternary and quaternary,
respectively. Both MC methods include three types of trials of
which two are common to both methods: (i) a random displace-
ment of all atoms from their current positions (by this trial lattice
relaxation and vibrational entropy are accounted for); (ii) the over-
all volume change of the simulation box (this trial allows the de-
sired pressure to be maintained, even if a structural transition
was to occur). In the semi-grand canonical ensemble the third trial
consists of the change of species of a randomly picked atom (by
this trial the equilibrium composition is sampled), while in the
grand canonical ensemble the latter consists of the random ex-
change of two atoms of different species (by this trial the equilib-
rium configurations are sampled). The decision on the acceptance
of the new configuration is based on the standard Metropolis algo-
rithm [36] and one set of these trials is termed an ‘‘MC step’’.

The phase boundaries are obtained by scanning the chemical
potential difference, Dl versus composition. A plot of such a curve
is obtained at every desired temperature and any discontinuity in
the latter is interpreted as a phase transition (see [37] and refer-
ences therein for more details). In order to identify the solubility
limit at a given temperature, the average composition of the last
three points (which show statistical scatter) is taken before the
phase transition occurs, the maximum spread in the latter serving
as error bar.

The ternary and quaternary phase boundaries are obtained by
scanning the temperature (50 K temperature grid) for different
compositions (0.5–2% Ni or Mn and 0–0.5% Cu). In this way the
phase boundary was established by visual inspection of precipita-
tion. The disadvantage of such simulations compared to the ones
for the binaries is that they are lengthy (typically 5 � 106 MC steps
after thermalization by molecular dynamics) and large box sizes
are necessary (containing 21,296 atoms) to minimize surface ef-
fects. On the other hand, the advantage is that these simulations
are simple and provide precise information on the precipitate mor-
phology and composition.
3. Manganese: DFT data and interatomic potential

Pure manganese undergoes the following allotropic transforma-
tions: (i) the ground state is non-collinear anti-ferromagnetic a-
Mn (Strukturbericht A12) with Néel temperature TN = 98 K, (ii) at
1000 K paramagnetic b-Mn is stabilized (Strukturbericht A13),
(iii) in the range 1368–1406 K c-Mn appears (fcc – Strukturbericht
A1), (iv) from 1406 K up to melting point, TM = 1517 K, d-Mn is the
stable structure (bcc – Strukturbericht A2). The three independent
elastic constants obtained from experiment (on polycrystals) for a-
Mn are C11 = 203 GPa, C12 = 33 GPa and C44 = 85 GPa (values are for
the anti-ferromagnetic phase at 4 K and are similar to the ones ob-
served in the paramagnetic phase [38]). This yields a bulk modulus,
B ¼ 1

3 ðC11 þ 2C12Þ, of 90 GPa, which is compatible within the range
of values found in other experiments, namely: 60 GPa [39], 93 GPa
[40], 131 GPa [41], 137 GPa [42] and 158 GPa [43].
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The experimental elastic constants reveal a negative Cauchy
pressure, 1

2 ðC12 � C44Þ, of �26 GPa. As reported in [44], this fact
points towards angularity in the bonding which cannot be cap-
tured within a many-body central framework such as the EAM for-
malism [45–47]. Since the development of an angular dependent
Mn potential is outside the scope of this work (the potential is
not meant to describe pure Mn, but Mn as alloying element in
Fe: the Mn content in Western-type LWR pressure vessel steels is
at most a few per cents) and is incompatible with our EAM type
FeNiCu potential, we tried to stabilize a-Mn with modified elastic
constants to give a slightly positive Cauchy pressure but conserva-
tion of bulk modulus. All such trials, however, met with failure.
Either a-Mn was not the ground state structure, or the embedding
function had a negative curvature, which is physically unaccept-
able. It is interesting to note, from an EAM fitting viewpoint, that
the stabilization of a-Mn seemed to be closely correlated to a neg-
ative Cauchy pressure.

Given the failure to produce an EAM type potential that stabi-
lizes a-Mn as the ground state, we alternatively chose c-Mn as
the ground state. This choice can be justified as in metallurgy Mn
is known to be an austenizer when added as solute in iron [48].
To obtain the target cohesive energy for c-Mn and the competing
d-Mn and e-Mn (hcp – Strukturbericht A3) we used DFT calculated
energy differences reported in [49,50] (see Table 1) with as refer-
ence the experimentally measured cohesive energy for a-Mn,
Ec = 2.92 eV [51]. However, from these values e-Mn is stabilized
over c-Mn, which in reality is only expected to stabilize under high
pressure [43]. To avoid this complexity, we opted to fit a short
range EAM potential such that both hcp and fcc structures are
degenerate. We also mention here that the c-d energy difference
predicted by DFT was chosen as reference instead of the Calphad
data, because the latter gave rise to a potential with fcc/bcc transi-
tion temperature below 300 K.

No experimental value is available for the elastic constants of c-
Mn. Therefore we performed DFT calculations on antiferromag-
netic (AFM) crystals (L10 ordered ground state [50]) and non-
magnetic (NM) crystals (emulating the paramagnetic state –
experimentally an anti-ferromagnetic – paramagnetic transition
is observed in quenched c-Mn crystals at �500 K [53,54]). The
DFT results obtained for the three independent elastic constants
are summarized in Table 1. We observe a large discrepancy be-
tween AFM and NM calculations, especially for the bulk modulus.
This is consistent with similar calculations performed on a-Mn
[49] and b-Mn [50]. Given the softness of Mn and the small
Table 1
Comparison of basic properties of Mn with predictions by the potential.

Property Experiment or calculation Potential

Ec(c-Mn) (eV/atom) 2.888a/2.853b 2.889
DEc(c–d) (eV/atom) 0.008c/0.079d 0.081
DEc(c–e) (eV/atom) �0.010c/�0.006d 0.000
a0(c-Mn) (Å) 3.750e/3.547d/3.551f/3.496g 3.496
a0(d-Mn) (Å) 2.812d 2.812
a0(e-Mn) (Å) – Ideal a/c ratio
B(GPa) 99f/251g 99
C0(GPa) 35f/84g 35
½(C12–C44) (GPa) �52f/3g 10
Tfcc?bcc (K) 1406 1127 ± 40
Tbcc?liq (K) 1517/1411c 1353 ± 40

a Based on experiment and Calphad assessment, Refs. [12,51].
b Based on experiment and DFT calculations, Refs. [49–51].
c Calphad assessment, Ref. [12].
d DFT calculations, Refs. [49,50].
e Experiment, Ref. [52].
f DFT, this work, calculations in anti-ferromagnetic ground state (L10 magnetic

ordering).
g DFT, this work, calculations in non-magnetic ground state.
discrepancy between the elastic constants measured in anti-ferro-
magnetic and paramagnetic a-Mn crystals, we believe that our
anti-ferromagnetic results seem the most reasonable input. It must
be noted, however, that the AFM results yield a negative Cauchy
pressure of �52 GPa. For the sake of fitting an EAM-type Mn poten-
tial, however, we have (artificially) chosen a small but positive
Cauchy pressure of 10 GPa as target value. The bulk modulus B
and C0, on the other hand, were kept as obtained from the DFT cal-
culations (see Table 1). The latter modifications should have little
or no influence when studying Fe-rich alloys.

The fcc/bcc transition and melting temperature of the potential
were obtained by means of thermodynamic integrations [55,56].
By performing the latter we obtained the Helmholtz free energy
of the fcc and bcc phase as well as the Gibbs free energy of the li-
quid phase as a function of temperature. We note that for the solid
phases we constrained the volume to avoid allotropic transforma-
tions during the thermodynamic integration. As a result, the tran-
sition from fcc to bcc and bcc to liquid were estimated from the
intersections of the respective free energy curves. The results of
this procedure are summarized in Table 1.

Having discussed all desired properties of the Mn potential, its
actual properties are summarized and compared to DFT, Calphad
and experimental data in Table 1. Given the above discussed con-
straints and the expected use of the potential, we consider its
performance adequate for our purposes.
4. The quaternary alloy: DFT data and interatomic potentials

4.1. Iron-manganese

In Table 2 point-defect properties of Mn in a bcc Fe matrix cal-
culated by both DFT and the potential are summarized. Properties
that were explicitly targeted during the fit of the potential are indi-
cated with the symbol �.

In general, the USPP data set predicts less binding or more
repulsion than the PAW data set. Although they generally predict
the same trend, there are some striking qualitative differences:
repulsion (USPP) versus attraction (PAW) of Mn–Mn pairs and
repulsion versus neutral interaction for Mn in the tensile region
of a h110i self-interstitial atom (SIA). Given the quantitative uncer-
tainty and qualitative indefiniteness in the binding energy for
Table 2
Comparison of point-defect Mn-solute properties in the bcc Fe matrix between DFT
and the potential.

Property DFT (eV) Potential (eV)

Eb Mn–Mn (1nn)� �0.28a/0.08b 0.02
Eb Mn–Mn (2nn)� �0.20a/0.04b 0.01
Eb Mn–Vac (1nn) 0.12a/0.21b �0.02
Eb Mn–Vac (2nn) 0.07a/0.14b 0.00
Efh110i (Mn) 3.70c 4.69
Efh111i–Ef h110i (Mn) 0.63c 0.37
Efh100i–Ef h110i (Mn) 1.15c 0.72
Ef(Octa)–Ef h110i (Mn) 1.26c 0.77
Ef(Tetra)–Ef h110i (Mn) 0.42c 0.79
Ebh110i Fe–Mn� 0.37d/0.57b 0.37
Eb SIA Mn in tension �0.36d/0.03b 0.01
Eb SIA Mn in compression 0.10d/0.35b 0.07
Ebh110i Fe–Mn, Mn in compression 0.29d 0.31
Ebh110i Mn–Mn 0.47d 0.33
Eb Fe–Mn crowdion 0.66b 0.49
Em(Vac ? Mn)� 1.03a/0.93b 1.06
Em(h110i? h011i) (Mn) 0.34d 0.34

a DFT, USPP, Ref. [58].
b DFT, PAW, Ref. [59].
c DFT, PAW, this work.
d DFT, USPP, Ref. [60].
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Table 3
Comparison of the binding energy of MnNi clusters in the bcc Fe matrix between DFT
and the potential.

Property DFT (eV) Potential (eV)

Eb Ni–Mn (1nn)� �0.06a/0.00b 0.01
Eb Ni–Mn (2nn)� �0.06a/�0.08b 0.00
Eb triangle Mn3 0.11b 0.05
Eb triangle NiMn2 �0.05b 0.03
Eb triangle Ni2Mn �0.01b 0.13
Eb triangle Ni3 0.05b 0.06
Eb tetrahedron Mn4 0.20b 0.10
Eb tetrahedron NiMn3 0.08b 0.08
Eb tetrahedron Ni2Mn2 (Ni 1nn) 0.00b 0.02
Eb tetrahedron Ni2Mn2 (Ni 2nn) 0.02b 0.16
Eb tetrahedron Ni3Mn 0.05b 0.08
Eb tetrahedron Ni4 0.10b 0.09
Ebh110i Ni–Mn� 0.12c 0.12

a DFT, USPP, Ref. [58].
b DFT, PAW, this work.
c DFT, USPP, Ref. [60].
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Mn–Mn pairs, we decided to keep its value small and make a close
fit to the FeMn experimental solubility limit (see Fig. 1). We note
that, given this constraint, it proved impossible to fit a significant
Mn-vacancy binding. Any effort to try to do so resulted in a strong
underestimation of Mn solubility, and given the study at hand we
opted for reproducing the latter correctly.

From the DFT calculated formation energy of the different inter-
stitial Mn configurations, summarized in Table 2, it is clear that the
h110i mixed dumbbell is the most favourable configuration. In
addition, the latter configuration gives a strong binding energy,
as well as the Mn crowdion. All these important effects are well
reproduced by the potential. From the other interstitial configura-
tions summarized in Table 2 we learn that Mn essentially behaves
as an undersized atom as it exhibits binding in compressed zones
and even allows for a stable h110i MnMn mixed dumbbell. Again,
all these effects are well reproduced by the potential.

Finally, we mention that the Mn-vacancy exchange barrier and
Mn Johnson jump [57] are in excellent agreement with the DFT
values.

The Fe-rich phase boundary obtained with the potential is com-
pared with the Calphad calculated one [12] in Fig. 1. The kink in the
Calphad curve observed around �520 K is of magnetic origin and
cannot be reproduced within an EAM framework. Nevertheless,
the agreement between potential and Calphad calculations is
satisfactory.
4.2. Iron–manganese–nickel

In Table 3 properties of small NiMn clusters in a bcc Fe matrix
calculated by both DFT and the potential are summarized. Proper-
ties that were explicitly targeted during the fitting of the potential
are indicated with the symbol �.

Considering the DFT data first, we observe that pure Mn and Ni
clusters in Fe are binding, Mn clusters being the most stable ones.
Mixed NiMn clusters, on the other hand, are repulsive for clusters
up to size 3 and stable starting from size 4. Thus the apparent con-
tradiction between DFT and Calphad, discussed in the introduction,
is resolved if large enough clusters (>size 4) are taken.

However, when fitting a potential with repulsive NiMn pairs, it
is impossible to stabilize mixed clusters, irrespective of the size.
Therefore we opted for fitting a small but binding value also for
NiMn pairs, even though this is at variance with DFT, and use the
experimental NiMn phase diagram as additional fitting input. Gi-
ven this constraint and as shown in Table 3, we observe that the
potential does allow for the formation of mixed NiMn clusters.
Finally, we mention that the h110i NiMn dumbbell is stable
with the potential and reproduces the DFT value.

In Fig. 2 the zero Kelvin phase diagram is presented in the form
of a superposition of possible ground state intermetallics, i.e., FCC-
87 ground state structures (see [35] for more details). Briefly, for
the desired intermetallics to be true ground states of the system,
all other candidate states should lie above the convex hull of the
latter. As shown in Fig. 2, the potential only stabilizes experimen-
tally observed intermetallic phases, which are: the L12 Ni3Mn,
NiMn3 and L10 NiMn phases [61–63].
4.3. Iron–manganese–copper

In Table 4 properties of small CuMn clusters in a bcc Fe matrix
calculated by both DFT and the potential are summarized. Proper-
ties that were explicitly targeted during the fitting of the potential
are indicated with the symbol �.

The DFT data on the CuMn pairs predict weak attraction at 1nn
and weak repulsion at 2nn distance. Given the uncertainty in the
DFT data we gave priority to a close reproduction of the Mn solu-
bility limit in Cu. With respect to clusters, both DFT and the poten-
tial predict binding for all configurations, with the binding energy
monotonically increasing as Mn atoms are replaced by Cu
ones. This trend is supported by experiments, where a small Cu



Table 4
Comparison of the binding energy of MnCu clusters in the bcc Fe matrix between DFT
and the potential.

Property DFT (eV) Potential (eV)

Eb Cu–Mn (1nn)� 0.04a/0.13b 0.04
Eb Cu–Mn (2nn)� �0.07a/�0.02b 0.02
Eb triangle Mn3 0.11b 0.05
Eb triangle CuMn2 0.18b 0.08
Eb triangle Cu2Mn 0.34b 0.16
Eb triangle Cu3 0.51b 0.24
Eb tetrahedron Mn4 0.20b 0.10
Eb tetrahedron CuMn3 0.32b 0.15
Eb tetrahedron Cu2Mn2 (Cu 1nn) 0.35b 0.22
Eb tetrahedron Cu2Mn2 (Cu 2nn) 0.41b 0.26
Eb tetrahedron Cu3Mn 0.66b 0.35
Eb tetrahedron Cu4 0.92b 0.48
Ebh110i Cu–Mn� �0.06c �0.06

a DFT, USPP, Ref. [58].
b DFT, PAW, this work.
c DFT, USPP, Ref. [60].
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Fig. 3. Comparison between CuMn phase diagrams resulting from thermodynamic
models and the potential.
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Fig. 4. The NiMn solubility limit in the ternary FeNiMn alloy resulting from the
MMC simulations.
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solubility in Fe [64,65] is observed compared to Mn in Fe [12]. It is
worth to notice that the total binding energy of CuMn clusters is
higher than that of NiMn clusters; an effect that is also reproduced
by the potential.

Finally, we mention that the h110i CuMn is unstable both
according to DFT and potential.

In Fig. 3 the Mn solubility limit in Cu obtained from Calphad cal-
culations [66,67] and the potential are compared. We notice that
the uncertainty on the Calphad calculations is large and the chosen
parameterizations represent the limiting cases. The solubility limit
predicted by the potential lays between the limiting cases.
5. Thermal stability of nickel-manganese-copper clusters

In this section we present the results from exchange Monte Car-
lo in isobaric grand canonical ensemble using the above developed
potential. We thus provide an estimate of the solubility of NiMn
and NiMnCu clusters in a bcc Fe matrix.

In Fig. 4 the NiMn solubility limit for the FeNiMn alloy is pre-
sented. Clearly there exists a synergy between Ni and Mn, as the
addition of either element elevates the solvus by up to 150 K com-
pared to the binary FeNi and FeMn solubility limits; or, alterna-
tively, at any given temperature in the range considered the
solubility limit moves towards smaller concentrations. The latter
is consistent with the thermodynamic calculations in [6].
For the ternary alloys exhibiting phase separation with concen-
trations xNi P xMn we found the coexistence of two phases in the
form of the Fe-rich matrix and a single NiMn precipitate. The latter
precipitates are nearly spherical and composed of an equimolar Ni
and Mn fraction with a negligible amount of Fe. In fact, closer
inspection reveals that the B2 intermetallic is formed, as shown
in Fig. 5a. The formation of this intermetallic can be rationalized
from the NiMn phase diagrams where an intermetallic at 50%Mn
(Ni) occurs. The excess amounts of Ni are soluble in the Fe-rich
matrix.

For the ternary alloys exhibiting phase separation with concen-
trations xNi < xMn we found the coexistence of three phases in the
form of the Fe-rich matrix, a single B2 ordered NiMn precipitate
and an additional Mn-rich precipitate. Both precipitates are nearly
spherical (containing a negligible amount of Fe) and the latter con-
tains �20% of Ni homogeneously distributed in the Mn-rich precip-
itate, as visualized in Fig. 5b.

The addition of 0.5% Cu (well beyond the Cu solubility in Fe) to
the ternary FeNiMn alloy has a significant impact on the phase dia-
gram. Two situations are identified: (i) the Cu precipitates together
with Ni and Mn forming a ternary phase (see Fig. 6a) and (ii) the Cu
precipitates without active involvement of Ni and Mn (see Fig. 6b).
In the first situation, a nearly spherical precipitate is formed con-
sisting of a mixture of �20% Cu, �40% Ni and �40% Mn, as visual-
ized in Fig. 6a. The second situation involves a nearly spherical Cu
precipitate with a dilute shell of Ni and Mn atoms attached to it,
similar to the observation of Cu-rich precipitates with a dilute Ni
shell in supersaturated FeNiCu alloys [25].

It is interesting to note that similar type of NiMn and CuNiMn
clusters were found in the work of Odette and Wirth [4]. In partic-
ular, for quaternary alloys containing 0.4% Cu, 1.4% Mn and various
amounts of Ni (xNi < xMn) in the temperature range 533–566 K they
observed nearly pure Cu clusters surrounded by a patchy Mn and
Ni shell. For the highest Ni contents (>1.12% Ni), the NiMn shell
was ordered or grown as an appendage epitaxial to a nearly pure
Cu region. Judging from our results, the latter observation probably
indicates a three phase region: (i) Fe-rich matrix, (ii) NiMn ordered
phase (see Fig. 5a) and (iii) Cu precipitate with NiMn shell (see
Fig. 6b). As shown below (see Fig. 7), the selected temperature
and composition ranges probably prohibit the formation of the ter-
nary CuNiMn phase. We conclude that the present results are not
in contradiction with the findings in [4].

In Fig. 7 we compare the solubility limit for the FeNiMn (for
equal Ni and Mn content) with the one containing an additional
0.5% Cu. For clarity, we identified situation (i) as phase separation
while situation (ii) was identified as full solubility of Ni and Mn.



Fig. 5. Precipitate (a) B2 and (b) Mn-rich precipitates. The red (dark) atoms denote Ni while the purple (light) atoms denote Mn. (For interpretation of the references to colour
in this figure legend, the reader is referred to the web version of this article.)

Fig. 6. Precipitate (a) ternary CuMnNi rich precipitate. The red (dark) atoms denote Ni, the purple (light) atoms denote Mn and the green (grey) atoms denote Cu. (For
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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Fig. 7. Comparison of MnNi solubility with or without addition of 0.5% Cu.
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We observe a clear synergistic effect of Cu on the solubility limit,
raising the latter by 50 K up to 100 K. This means that ternary
CuNiMn precipitates may become thermodynamically stable at
reactor temperature (�600 K) with sufficiently high Cu and Ni
levels.
6. Discussion

We fitted a quaternary interatomic potential to DFT and exper-
imental data of relevance for the study of irradiation effects in the
FeNiMnCu alloy. DFT calculations predict instability of NiMn pairs
and triplets. However, additional DFT calculations show that NiMn
clusters are stable above a certain size. This suggests that it is pos-
sible to stabilize NiMn clusters in Fe.

We used the developed potential to study the thermal stability
of NiMn(Cu) clusters and verified that the synergy of both or all
three elements may indeed lead to stable precipitation at reactor
temperature (�600 K), especially if Cu is present in relatively high
concentration. Compared to the solubility limit of the binaries, in
general we can say that the synergy between Ni and Mn raises
the solubility limit by �100–150 K, while an additional 0.5% Cu
raises it by another �50–100 K. Thus the synergy of Ni, Mn and
Cu can raise the solubility limit by up to �200 K, correspondingly
pushing the solvus towards progressively lower concentrations at
a given temperature. From the results of Fig. 7, we observe that,
in Fe–2%Mn–%2Ni, precipitates would form up to 575 K and the
addition of 0.5% Cu would raise this temperature further up to
625 K. This is about 60–70 K higher than the typical reactor’s oper-
ating temperatures, although of course such a large amount of
these solutes is never found in RPV steels. From Fig. 4 we can say
that, for a realistic composition of about 1%Ni and 1%Mn, the solvus
will be at 450–500 K, so �50–100 K below the reactor’s operating
temperature, but the addition of enough Cu might raise the solvus
enough to make precipitation thermodynamically possible,
although probably the amount of Cu required would exceed the
typical Cu content of RPV steels.

As a matter of fact the above analysis is conservative, due to a
shortcoming in the FeNi part of the potential. While both FeMn
and FeCu were especially fitted to the experimental solubility limit,
the FeNi potential was not. Emphasis was put on reproducing the
experimentally observed intermetallic phases [32]. As a conse-
quence, the FeNi potential overestimates the experimental Ni sol-
ubility in bcc Fe [14] by about a factor five, as shown in Fig. 8. In
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turn, this means that, although all presented results are qualita-
tively meaningful, the lowest temperature here reported at which
precipitates are observed is only a lower boundary. Given the over-
estimation of the Ni solubility in the binary alloy, the synergy of Ni
and Mn might raise the solvus by up to 300 K, resulting in precip-
itation up to �725 K and higher for high Ni and Mn content (�2%),
when accounting also for the effect of 0.5% Cu. This is more than
150 K above the reactor’s operating temperature. It is therefore
not impossible that, at the reactor’s operating temperature, NiMn
and especially NiMnCu precipitates are thermodynamically stable
phases.

Nonetheless, the present study does not elucidate whether the
operating conditions (temperature and fluence) would allow the
thermodynamic equilibrium state to be actually reached. When
considering the reactor’s operating temperature, for typical solute
contents, one sees that it is very close to the solubility limit, i.e., the
system under reactor conditions will generally be only barely in-
side the miscibility gap. Thus, the thermodynamic driving force
(i.e. chemical potential) for the formation of MNP will be limited
compared to e.g. the one for CRP in high Cu RPV steels and very lit-
tle variations in composition or temperature might determine
whether or not the system is actually inside or outside the misci-
bility gap. Much will depend on the efficiency of the kinetics lead-
ing to precipitation. This might explain why the actual observation
of ‘‘late-blooming’’ effects, and especially their effect on mechani-
cal properties, are often elusive and requires relatively low irradi-
ation temperature [69]. At the same time, the fact that even in the
best case the composition would be very close to the solvus sug-
gests that it is very unlikely that large volume fractions of MNPs
can ppear all of a sudden.

Let us consider now the energy barriers for the different mech-
anisms that can realize mass transfer. Under thermal annealing
condition these are vacancies. The vacancy solute migration barri-
ers are [58], 0.56 eV for Cu, 0.65 eV for Fe, 0.70 eV for Ni and
1.03 eV for Mn. Therefore Cu atoms will re-distribute faster than
the Ni ones and Mn will be almost immobile at reactor operating
temperature, compared to Cu, Ni and Fe. In other words, under
thermal ageing conditions it might prove impossible or very diffi-
cult to form MnNi clusters, especially without, or in presence of
very little, Cu, even if they were thermodynamically stable.

When considering irradiation, however, the vacancy fluxes
drastically increase. Moreover, another mechanism for mass trans-
fer is activated, i.e., self-interstitial diffusion. As only Mn and Fe
form stable interstitials, they are the only elements that can be
transported in this way. Given their migration barriers of 0.34 eV
[68], they diffuse equally fast as self-interstitials in Fe and consid-
erably faster than vacancy mediated diffusion, although their
steady-state concentration is likely to be considerably lower than
the vacancy concentration, depending on the sink population.
Thus, while the rearrangement of Cu and Ni is expected to be
mainly driven by vacancy diffusion, the rearrangement of Mn
(and Fe) is expected to be mainly driven by self-interstitial diffu-
sion. The higher efficiency of Mn transport over Ni and Cu trans-
port is likely to explain why Mn is observed to precipitate first
[6,7,10]. Moreover, transport via self-interstitials would be the ori-
gin of the presence of these point-defects in MNPs, and might also
be catalysing precipitation, consistently with the prediction of the
model proposed in [10]. Yet another effect that would only appear
under irradiation and possibly lead to faster nucleation of precipi-
tates than under thermal ageing, even irrespective of their thermo-
dynamic stability, is the segregation at point-defect clusters of
solutes transported by point-defects.

The question of whether the above mechanisms form an addi-
tional driving force towards the formation of stable NiMn and
NiMnCu precipitates, however, together with the actual role of
nucleation on point-defect clusters as a mechanism to catalyse
precipitation, is at present the subject of speculation. Yet these de-
tails are important, because the thermodynamic stability of the
precipitates or their association with point-defects might influence
significantly the strength of their interaction with dislocations. To
clarify this question the development of nanostructure and micro-
chemical evolution models that treat simultaneously point-defect
cluster formation and solute transport is necessary. The present
potential can contribute to the parameterization of such models.
It can equally be used in molecular dynamics simulations to esti-
mate the dislocation obstacle strength of the outcome of the pro-
cess of precipitation, whichever the mechanism. These are the
objectives of future work.

7. Conclusion

We developed an interatomic potential for the FeCuNiMn
quaternary alloy based on extensive DFT data on solute–solute and
solute-point defect interaction, as well as on experimental data,
always privileging experimental consistency within the unavoidable
series of compromises that have to be made in the fitting process.

The reference DFT data on solute–solute interaction reveal that,
while Mn–Ni pairs and triplets are unstable, larger clusters are
actually kept together by attractive binding energy. Thus, the for-
mation of thermodynamically stable Mn–Ni-rich phases in Fe is
actually possible and this fact is accounted for by the potential,
in agreement with Calphad predictions, thereby removing the
apparent discrepancy of the latter with DFT, if only pairs and trip-
lets are considered.

The Ni–Mn synergy increases significantly the temperature
range of stability of solute atom precipitates in Fe as compared
to binary alloys. Cu is found to extend the range of thermodynamic
stability of the precipitates even further, thereby explaining the
observations of MNPs, and making their appearance possible in
RPV steels, even under thermal ageing and in the absence of Si.
Nevertheless, under reactor conditions (temperature, composi-
tion...), the system will be barely inside the miscibility gap: small
variations in temperature and composition will determine signifi-
cantly different thermodynamic conditions in terms of precipitate
stability, making the production of sufficient volume fractions of
these phases to observe a late blooming effect rather elusive. It is
therefore speculated that the appearance of Mn–Ni-rich precipi-
tates under irradiation, irrespective of their thermodynamic stabil-
ity, is actually made kinetically possible by the massive fluxes of
point-defects and by point-defect cluster formation, that are
strictly the consequence of irradiation.

The mechanism leading to the formation of the so-called late
blooming phases, or more correctly Mn–Ni-rich clusters (with
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inclusion or not of point-defects), as well as their actual thermody-
namic stability under reactor conditions, are assumed to influence
their strength as obstacles to dislocation motion, thereby deter-
mining (or not) a visible change in the mechanical response of
the material after their appearance. The interatomic potential pres-
ently developed is expected to contribute significantly to unravel
these still open issues.
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Appendix A:. potential parameterization

Given the ternary FeNiCu potential [25], the pair potentials V
are parameterized as,
Table A1
The optimized parameter set for the present potential.

MnMn

k rk (Å) ak (eV Å�3)
1 2.00000000E + 00 1.00000000E + 02 A = �1.82507983E + 00 eV
2 2.50000000E + 00 4.08563703E + 00 B = 9.12539918E-01 eV
3 2.68750000E + 00 �9.53987268E-02 C0 = 2.29590248E-02
4 2.87500000E + 00 �3.61659426E + 00 r0 = 4.00000000E + 00 Å
5 3.06250000E + 00 5.80612286E + 00
6 3.25000000E + 00 �3.92221726E + 00
7 3.43750000E + 00 3.15773891E + 00
8 3.62500000E + 00 �5.40379206E + 00
9 3.81250000E + 00 5.73167705E + 00
10 4.00000000E + 00 �2.17285477E + 00

FeMn
k rk (Å) ak (eV Å�3)
1 2.00000000E + 00 1.94252170E + 02
2 2.32857143E + 00 �9.30366408E + 00
3 2.40000000E + 00 2.50000000E-01
4 2.65714286E + 00 3.91455751E + 00
5 2.98571429E + 00 �4.60199252E + 00
6 3.31428571E + 00 6.24436003E + 00
7 3.64285714E + 00 �3.79624807E + 00
8 3.97142857E + 00 1.20087815E + 00
9 4.30000000E + 00 �2.17700581E-01

NiMn
k rk (Å) ak (eV Å�3)
1 2.00000000E + 00 6.25441631E + 01
2 2.23142857E + 00 5.09238791E + 00
3 2.30000000E + 00 2.50000000E + 00
4 2.46285714E + 00 2.56431281E + 00
5 2.69428571E + 00 �9.63005933E + 00
6 2.92571429E + 00 2.02436170E + 01
7 3.15714286E + 00 �2.20193779E + 01
8 3.38857143E + 00 1.38210959E + 01
9 3.62000000E + 00 �3.71026389E + 00

CuMn
k rk (Å) ak (eV Å�3)
1 2.00000000E + 00 6.24913195E + 01
2 2.30000000E + 00 3.55000000E + 01
3 2.31428571E + 00 3.44649496E + 00
4 2.62857143E + 00 �2.91539938E-01
5 2.94285714E + 00 1.58453589E + 00
6 3.25714286E + 00 �8.34895346E-01
7 3.57142857E + 00 �1.07164946E-01
8 3.88571429E + 00 7.17045029E-01
9 4.20000000E + 00 �3.62350526E-01
VðrÞ ¼
XNp

k¼1

½akðrk � rÞ3Hðrk � rÞ� ðA1Þ

with ak the spline coefficients, rk the knots and H is the Heaviside
function. The density function u is parameterized as,

uðrÞ ¼ C0ðr0 � rÞ3Hðr0 � rÞ; ðA2Þ

with r0 the cut-off knot and C0 a normalization factor. The embed-
ding function F is parameterized as,

F ¼ A
ffiffiffiffi
q
p þ Bq ðA3Þ

with A and B fitting parameters. The optimized parameter set for
the present potential is summarized in Table A1.
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